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Abstract 

Mechano-chemical degradation processes such as the fracture of cathode particles 

play a major role in limiting the service life of advanced lithium ion batteries (LIBs). In order to 

help alleviate degradation of battery performance, it is necessary to measure the relationship 

between the degradation of mechanical properties of cathodes and their concomitant 

degradation of electrochemical performance. In this review, measurements of the mechanical 

properties of LIB cathode materials are summarised from the literature, along with the range 

of experimental methods used in their determination. Dimensional changes that accompany 

charge and discharge are compared for active materials of olivine, spinel and layered atomic 

structures. The sensitivity of indentation hardness, Young’s modulus and fracture strength to 

grain size, porosity, state of charge and charge/discharge history are critically reviewed, and 

are discussed with reference to the behaviour of conventional, electrically inactive solids. This 

approach allows for the identification of microstructural properties that dictate the 

mechanical properties of LIB cathode materials. 
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1. Introduction 

 

The discovery of stable transition metal oxides for the repeated insertion and removal 

of lithium ions [1]–[3] has allowed for the widespread adoption of lithium-ion battery cathode 

materials in consumer electronics, such as cellular telephones and portable computers [4]. 

Lithium-ion batteries are also the dominant energy storage technology used in electric 

vehicles [5]. An increase in their specific energy density, power output and service life are 

required to further their uptake in the automotive sector and elsewhere [6], [7]. Increases in 

cell capacity rely upon the development of new active materials and electrode architectures 

[8]. To assist these efforts, a greater understanding of the relationship between mechanical 

properties, cathode performance and cathode degradation is required [4]. 

This review provides an overview of the mechanical properties of cathode active 

materials, and explores how they are modified by charging and by the application of repeated 

charge/discharge cycles. The measured mechanical properties of cathode materials are 

summarised, along with the experimental methods used in their determination. Correlations 

between the measured values of modulus, hardness, and fracture strength of cathode 

materials and their microstructures are identified and compared with those of electrically 

inactive ceramics. Recent experimental studies that document the sensitivity of mechanical 

properties to electrolyte immersion, state of charge and the number of charge/discharge 

cycles are also reviewed.  

1.1. The structure of a lithium ion cell 

The essential components of a lithium ion cell are sketched in Figure 1. During 

discharge of the cell, the oxidation of Li atoms to positively charged lithium ions Li+ and 
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electrons occurs at the anode. The Li+ ions migrate from the anode to the cathode through 

the electrolyte, and for charge balance the electrons flow from the current collector of the 

anode via an external electrical circuit. The electrodes are insulated against electron flow 

within the cell by a separator membrane that is permeable to lithium ions [9]. The Li+ ions 

diffuse into the active cathode material and remain in the ionic state. Electrons flow from the 

external circuit to the cathode and take part in a reduction reaction involving a transition 

metallic oxide [10], for example Co4+ to Co3+, Ni4+ to Ni3+, Mn4+ to Mn3+, or Fe3+ to Fe2+. When 

the cell is charged, the above processes are reversed: oxidation and reduction reactions occur 

at the cathode and the anode respectively, lithium ions migrate through the electrolyte from 

the cathode to the anode, and electrons flow from the cathode to the anode via their current 

collectors and an external circuit.  

1.2. Classes of cathode materials used in lithium ion cells 

There exist an increasing number of transition metal oxides, with crystal structures 

that allow for the intercalation of lithium ions during cell discharge, and consequently have 

potential for use as the cathode of a LIB. The cathode materials that have received the 

greatest research and commercialisation attention to date fall into three classes, as illustrated 

in Figure 2(a-c) and as described below: 

(a) Olivine crystal structures/polyanion oxides. An example is lithium iron phosphate (LFP) of 

composition LiFePO4, for which the crystal structure is sketched in Figure 2(a). Oxygen 

atoms form a hexagonal close-packed lattice. Tetrahedral voids within the lattice are 

occupied by phosphate anions, and octahedral holes by iron and lithium cations. The voids 

occupied by lithium cations form continuous, parallel channels throughout the lattice [3]. 

The equilibrium diagram reveals that two distinct phases exist, LiFePO4 and FePO4, 
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however, the Li can also exist as a metastable solid solution of intermediate composition 

when it is inserted or extracted rapidly [11]. 

(b) Layered oxides comprise stacked layers of metal oxide compounds. Write a subscript 𝑥 for 

the degree of lithiation. Then, these oxides include lithium cobalt oxide (LCO) of 

composition Li𝑥CoO2, nickel cobalt aluminium (NCA) of composition Li𝑥NiyCozAl(1-y-z)O2 and 

nickel manganese cobalt Li𝑥NiyMnzCo(1-y-z)O2 (NMC), as illustrated in Figure 2(b). Each 

metal oxide layer has two planes of oxygen atoms, between which transition metal atoms 

occupy interstitial holes. Lithium ions intercalate the gaps between the metal oxide 

compound layers, and form a one-atom thick lithium layer. Transport of lithium ions 

occurs within each lithium layer, giving rise to 2-dimensional diffusion [12]. The mobility 

of lithium ions within layered cathode active materials varies with their state of charge 

[13], [14].  

(c) Spinel oxides: These include lithium manganese oxide spinel (LMO) of composition 

Li𝑥Mn2O4 (LMO), in which the manganese atoms sit at the centre of octahedral voids 

within a lattice of oxygen atoms. Lithium ions migrate along paths of tetrahedral and 

octahedral voids and give rise to 3-dimensional diffusion [15]. Transition metal atoms such 

as Ni can partially replace the Mn, for example Li𝑥Ni0.5Mn1.5O4, to form a so-called 

‘ordered’ spinel. Alternatively, if the transition metal atoms are randomly distributed 

within the lattice, a spinel is termed ‘disordered’.  The electrochemical properties of the 

spinel active materials are sensitive to the degree of ordering within the lattice [16]–[18]. 

A variety of cathode particle shapes exist for all 3 classes, and examples are sketched 

in Figure 2(d-g). Commonly, NMC cathodes comprise secondary particles of diameter 5-20 

μm, as sketched in Figure 2(d). Each secondary particle is a polycrystal, and comprises grains 

of dimension 0.1 μm to 2 μm [19], commonly termed ‘primary particles’. LCO, NMC and LFP 
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cathodes may also comprise equiaxed micron scale single crystals, see Figure 2(e). 

Alternatively, the single crystal particles can be (f) plate-shaped [20], or (g) nano-sized [21]. 

The power capacity of cathodes may benefit from smaller length scales over which ionic 

diffusion occurs in cycling, and the increased area of interface between particle and 

electrolyte over which ions migrate in charge and discharge. 

Ideally, a battery has both a high power density and a high energy density. The 

measured specific power and specific energy for a wide range of LIB cathode materials  [11], 

[19]–[29] are plotted in Figure 3(a), in what is commonly termed a Ragone plot. Here, the 

specific power and specific energy of the cathodes are the average power and energy 

measured during discharge, normalised by the mass of the cathode active material. In these 

charts, the upper limit to the specific energy is governed by the voltage at which the cathode 

active material undergoes lithiation, and by the capacity for lithiation [10]. Limitations on 

electrical and ionic transport within the cell lead to the limit in specific power [30]. 

The influence of LFP cathode particle architecture upon specific power is explored in 

Figure 3(b). The data are taken from the literature for LFP cathodes and are grouped according 

to cathode particle dimensions, shape, and presence or absence of a coating [11], [20]–[22], 

[27]–[29]. Interconnected porosity provides paths for electrolyte infiltration [22], and thin, 

flat and small particles enable an increased surface area per unit mass [20], [21]. For a given 

specific energy, the specific power varies by up to two orders of magnitude. The influence of 

particle size upon specific power is evaluated by plotting specific power versus particle 

dimension for all values of specific energy below 350 Wh kg-1 where the specific power 

approaches its largest value, see Figure 3(c). For any fixed shape of particle, the specific 

surface area in contact with electrolyte varies with the reciprocal of particle dimension: for 
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this reason contours of negative unit slope are included in Figure 3(c). If the specific power 

provided by the LFP cathodes is dictated by the specific surface area of the cathode particles, 

then a single line of slope -1 would be expected for the data of Figure 3(b). In fact, the specific 

power varies by a factor of x50 for a given particle size, implying that specific power is 

influenced by other features such as conductivity of the porous cathode composite [31], 

cathode porosity, and the tortuosity of the electrolyte-filled pore network [32]. And now a 

word of caution: a cathode of high porosity contains a significant mass of electrolyte and has 

an increased volume. Consequently, the power per unit mass and power per unit volume of 

the electrolyte-filled cathode are significantly less than that for the cathode active material 

alone [33]. This practical limitation is not evident in the Ragone plots of Figure 3, where 

measurements of specific power and specific energy have been normalised by the mass of 

the cathode active materials alone. 

1.3. Dimensional changes of active material atomic structures during 

charge and discharge 

The lithiation (or delithiation) of the active cathode materials leads to a distortion and 

dilation of their atomic lattices. Atomic lattice dimensions and active material phase 

proportions are measured by X-ray diffraction (XRD) experiments [34]. In-operando XRD cells 

[35] facilitate continuous monitoring of the cathode active material atomic structure and 

dimensions during charge and discharge. Most studies focus on delithiation from an initial 

state of full lithiation, 𝑥 = 1. 

 Data for the normalised lattice constants 𝑎 𝑎0⁄  and 𝑐 𝑐0⁄  obtained from experiments 

for the first cell charge and reported in the literature [36]–[42] are plotted in Figure 4(a) and 

4(b), respectively, as a function of the degree of lithiation, 𝑥 in Li𝑥MOb. Here 𝑥 = 1 
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corresponds to a state of full lithiation for the active material for both layered and spinel 

classes of cathode materials, and 𝑎0, 𝑏0 and 𝑐0 are lattice constants in the fully lithiated state 

[36], [39]. The symmetries possessed by the spinel and layered oxide crystal structures imply 

that 𝑏 𝑏0⁄ = 𝑎 𝑎0⁄ . (Data are not shown for LFP since two distinct phases exist in equilibrium, 

LiFePO4 and FePO4, and the relative proportion of these phases changes with 𝑥.) The changes 

in unit cell dimensions upon delithiation (that is, upon battery charging) have both volumetric 

and distortional components. To describe these changes, the normalised unit cell parameter 

𝑐/𝑐0 measured in-situ during cell charge is plotted against (𝑎𝑏)/(𝑎0𝑏0 ) in Figure 4(c). A line 

of constant volume is included in Figure 4(c) to show purely distortional straining, along with 

a line of isotropic shrinkage (no distortion). 

First, consider the dimensional changes that occur within the atomic lattices of layered 

NMC oxides over the initial charge cycle of the cell [36], [37], [39]. NMC oxide lattices initially 

expand along their 𝑐 direction; this is attributed to a loss of electrostatic shielding between 

the positively charged transition metal oxide layers as lithium atoms are removed [36]. 

Contraction in the 𝑎 and 𝑏 direcions also occur as the ionic radii of the transition metal atoms 

decrease with electron loss [40], keeping the unit cell volume approximately constant. As 

delithiation proceeds, such that the occupancy of lithium within the cathode becomes 𝑥 <

0.4, nickel oxidation and shrinkage of the separation between the O2- planes across each 

lithium layer lead to a decrease in the 𝑐 lattice dimension [41]. The dimensional changes that 

occur in layered NMC cathodes over the charge cycle are sensitive to the chemical 

composition of the transition metal oxide layers [37] and also to the doping of other atoms 

alongside lithium in the vacancies between the transition metal oxide layers [43]. 
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As LCO is delithiated, two phases coexist for 0.75 < 𝑥 < 1.0, and the unit cell volume 

initially increases [44], see Figure 4(c). A phase change subsequently occurs at a lithium 

occupancy of 𝑥 = 0.5, as the unit cell transitions from a hexagonal to monoclinic atomic 

structure [45]. Consequently, the amount of Li extracted from these cathodes is limited to 

50% to maintain the stability of the crystal structure [39]. 

Data for spinel lattices [16], [17] of composition Li𝑥Mn2O4 are included in Figure 4. For 

these materials, isotropic shrinkage accompanies delithiation and three separate phases are 

formed as the degree of delithiation is reduced [16], which coexist for portions of the charge 

response. The greatest change in lattice dimension occur as the lattice transitions from one 

phase to the next; dimensional changes of each phase are small with decreasing 𝑥. The lithium 

occupancy 𝑥 over which phase changes occur, and the dimensional changes that they impart, 

are sensitive to Ni doping [16]–[18], the degree of ordering within the spinel lattice [17], and 

spinel chemical composition [42]. Ni doping, combined with a disordered lattice structure 

(such that Ni and Mn are randomly distributed throughout the lattice), prevents the phase 

change from occurring until the lithium fraction 𝑥 decreases below 0.13. For all lithium 

fractions above this value, the unit cell dimensions remain within 1% of their value in the fully 

lithiated state [17]. 

1.4. Chemo-mechanical degradation in lithium ion cells 

Experiments reveal that the charge capacity of lithium ion batteries decreases over 

successive charge/discharge cycles [46]. The rate of capacity loss depends upon operating 

conditions such as the range of voltage employed during operation, the rate of charge transfer 

imposed, and the cell temperature [46], [47]. The specific energy and power density of lithium 

ion cells, and the rate of capacity loss upon repetitive cycling are also sensitive to the active 
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material class and composition [48], the size and shape of the active material particles [49], 

[50], and electrolyte composition [51], [52]. The chemical and mechanical phenomena that 

lead to a loss in charge capacity, increase cell resistance and limit cell life include the 

following:  

(i) the growth of passivating layers upon the surface of electrode particles in contact with the 

electrolyte [53]; 

(ii) the loss of active material to passivating layers or electrolyte; and  

(iii) the growth of cracks within active material particles, which in turn promote mechanisms 

(i) and (ii) [54]. 

 Calculations reported in the literature suggest that the stresses that arise within 

cathode particles during charge and discharge are sufficient to lead to their fracture [55]–

[57]. In the case of polycrystalline secondary particles of layered active materials such as NMC, 

differential swelling between adjacent primary grains upon charging can give rise to 

intergranular cracking [9], as sketched in Figure 5; electrolyte may infiltrate along these 

intergranular cracks. Numerical simulations confirm that the magnitude of swelling-induced 

stresses depends upon the charging rate, particle size, particle shape, and ionic and electrical 

conductivity [58]–[60]. Polycrystalline active material particles may develop cracks both 

within and between their grains [8], [9], [61]. Numerical simulations suggest that the rate at 

which fracture proceeds is linked to the progressive loss of cathode particle toughness with 

changes in lithium occupancy [62]. Considerable interest exists in the design and development 

of active material particles and electrode architectures that are resistant to fracture during 

charge and discharge [63], [64]. 
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2. The modulus, hardness and fracture strength of dry, as-

manufactured cathode materials 

The mechanical properties of cathode materials are commonly characterised by the 

Young’s modulus 𝐸, indentation hardness 𝐻 and fracture strength 𝜎𝐹 in the fully lithiated but 

dry state prior to immersion in the liquid electrolyte [65]–[76]. In this section, the test 

methods used to measure the modulus, hardness and fracture strength of cathode materials 

are described alongside the results from experiments published in the literature. The 

properties are discussed in the context of the mechanical behaviour of other conventional, 

brittle solids. 

2.1. Indentation measurement of hardness and modulus 

The Young’s modulus and hardness of cathode materials has been measured  in several 

studies with a sharp 3-sided pyramidal indenter, as sketched in Figure 6(a) [65]–[77]. In such 

indentation tests, an indentation tip is lowered onto the surface of the test specimen and 

subjected to a vertical load 𝑃𝐼. The indentation load is then removed, and the tip withdrawn 

from the sample surface. This gives rise to a permanent indentation of the sample surface, of 

similar shape to that of the indenter tip. The indentation hardness 𝐻 is related to the 

indentation load 𝑃𝐼  and projected area of the indentation mark 𝐴𝑃, according to 

 
𝐻 =

𝑃𝐼

𝐴𝑃
. 

 
(1) 

 

 

For the case where plastic flow occurs beneath the indenter, the hardness is directly related 

to the yield strength 𝜎𝑌, such that 𝐻 ≈ 3𝜎𝑌; the indentation hardness is only weakly 

dependent upon the tip geometry [78]. 
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The force versus displacement relation in a typical indentation test on an elasto-plastic 

solid is sketched in Figure 6(b). Unloading from the maximum load is an elastic event, and so 

the Young’s modulus of the solid 𝐸 is obtained directly from the unloading stiffness 𝑆 and the 

contact area 𝐴𝑃 between sample and indenter [79], [80].  The usual method is to take into 

account the Young’s modulus 𝐸𝐼  of the indenter material in order to obtain a reduced 

modulus 𝐸𝑅  where 

 
𝐸𝑅 =

(1 − 𝜈2)

𝐸
+

(1 − 𝜈𝐼
2)

𝐸𝐼
 

 

(2) 
 

 

in terms of the Poisson ration 𝜈 for the solid and 𝜈𝐼  for the indenter. The unloading slope 𝑆 

depends upon 𝐸𝑅  and 𝐴𝑃 according to 𝑆 = 2𝐸𝑅(𝐴𝑃 𝜋⁄ )1/2 [81]. 

Commonly, the 3-sided diamond indenter has a tip radius 𝑅 on the order of 1 μm. 

Consequently, indentation tests can measure the properties of small volumes of material, 

such as cathode secondary particles, or an individual grain of a large-grained polycrystalline 

sample. To measure the hardness and modulus of cathode secondary particles, a cathode 

may be set in resin and the cross-section of the particle is exposed by grinding and polishing 

of the surface, as sketched in Figure 6(c). Alternatively, macroscopic polycrystalline samples 

of cathode materials may be manufactured by sintering, and prepared for indentation testing 

by grinding and polishing of the surface [75], see Figure 6(d). 

The hardness and Young’s modulus of a range of cathode materials are plotted in 

Figure 7, from [65]–[76]. The hardness varies from 6 GPa to 18 GPa, while the Young’s 

modulus varies from 80 GPa to 200 GPa. Engineering glasses and ceramics have comparable 

values of hardness and modulus [82], [83], as also shown in Figure 7. All fail in an elastic- 
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brittle manner upon the application of a tensile stress: their tensile fracture strength is 

dictated by fast fracture from pre-existing flaws [83]. 

Size effects in indentation testing are reported in numerous investigations of ceramic 

and metallic materials. They may arise from a variety of factors associated with experiment 

[84], [85]. Specimen surfaces may be work-hardened by polishing [86], or form oxide layers 

[87]. Size effects may also arise due to the rounding of an indentation tip close to its apex, as 

the indentation area deduced from the indentation depth with a calibration such as that in 

equation (3) may not accurately predict the indentation area if its size is comparable to the 

rounded apex [88]. 

The microstructural mechanisms associated with yielding of a polycrystalline ceramic 

during indentation testing have been widely studied [89]–[93], and are sketched in Figure 8. 

Three distinct deformation mechanisms exist, as follows. 

Stage I: Dislocation-based plasticity. Initially, the size of an indent positioned in the mid-grain 

is much less than the grain size. In this regime, the hardness is dictated by dislocation-based 

plasticity within an individual grain.  

Stage II: Initiation of intergranular fracture. The plastic zone expands with increasing 

indentation size, and grain boundaries crack near the indenter tip [89], [90]. 

Stage III: Activation of granular flow. Bulk flow of the fractured grains requires dilatation 

[94], [95] into a granular medium at its critical state, reminiscent of the ‘plastic’ response of 

an over-consolidated soil [93], [96]. The hardness scales with the cohesive strength of the 

granular medium. 
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The deformation mechanisms that dictate hardness in each of the three stages 

described above may activate in sequence as the size of the indentation increases relative to 

the dimensions of the grains. For indentation experiments performed with Berkovich 

indentation tips, the indentation area 𝐴𝑃 is related to the indentation depth 𝑑𝐼 as 

 

𝐴𝑃 = 24.5𝑑𝐼
2 

 

(3) 
 

 

in the absence of pile-up [88]. 

The Young’s modulus and indentation hardness measured for polycrystalline samples 

of the layered cathode materials LiNi0.5Mn0.3Co0.2O2 (NMC532), LiNi1/3Mn1/3Co1/3O2 (NMC333) 

and LCO are plotted as a function of contact size 𝐴𝑃
1/2, as deduced from the measured 

indentation depth according to equation (3) in Figure 9(a) and 9(b) respectively [65], [73]–

[76], [97]. The grain size within the secondary particles lies between 0.1 μm and 1 μm, 

whereas the hot-pressed pellets are of larger grain size between 3 μm and 100 μm. 

As indentation depth increases, different mechanisms of deformation may give rise to 

size effects. In stage I, hardness derives from the inelastic strains due to dislocation motion 

and twinning within the atomic lattice [92], [98]. For indentations in this range, an increase in 

hardness with decreasing indentation size without any similar increase in elastic modulus is 

taken as evidence of similar strain gradient effects to those measured in many other 

crystalline materials where plasticity is due to dislocation glide [99], [100]. If an indentation is 

sufficiently small in dimension, a higher density of geometrically necessary dislocations exist 

to realise the plastic strain imposed by the indenter [99]; this higher dislocation density then 

gives rise to an increased hardness [100], but leaves the modulus unaltered. Predictions for 
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the variation of indentation hardness with indentation load based upon this premise have 

been successful in capturing experimental trends observed in other crystalline solids [100]. 

In stage II, intergranular fracture around the indenter initiates. Finally, the hardness in 

stage III is set by the granular flow of the solid, as a result of diffuse grain boundary cracking 

and the associated dilation [92], [94], [95]. To assess the relative influence of plasticity and 

additional compliance associated with cracking along grain boundaries, measured values of 

modulus and hardness obtained from indentation tests are plotted against the size of the 

indentation 𝐴𝑃
1/2 normalised by the grain size 𝑑, in Figures 9(c) and 9(d), respectively.  This 

choice of normalisation brings the data together and reveals the origin of the size effect: it is 

the grain size that sets the material length scale. The decrease of both modulus and hardness 

with increasing 𝐴𝑃
1 2⁄ 𝑑⁄  for (𝐴𝑃

1 2⁄ 𝑑⁄ ) > 0.1 is associated with fragmentation by grain 

boundary fracture [101], [102], whereas for indents of size (𝐴𝑃
1 2⁄ 𝑑⁄ ) < 0.1, the Young’s 

modulus is relatively insensitive to a variation in 𝐴𝑃
1 2⁄ 𝑑⁄ . In cathode materials of large grain 

size, a radial pattern of fractures can initiate beneath the indentation tip within the mid-grain 

without initially progressing to the nearest grain boundary [65], [103]. This forms a well-

defined pattern of fractures that allows for an estimation of the fracture toughness  [104], 

[105]. The presence of cracks reduces the macroscopic, effective modulus of the solid and 

thereby reduces the unloading stiffness of the indentation test. 

2.2. Measurement and origin of fracture strength 

Measurements of the tensile fracture strength of polycrystalline secondary particles 

and the origin of the fracture strength are now discussed. Experiments are performed on the 

individual secondary particles that comprise cathodes, of typical diameter 10 µm, and on 
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macroscopic samples such as sintered cylindrical pellets.  The tensile fracture strength 𝜎𝐹 of 

brittle particles may be determined by measuring the compressive load at fracture 𝑃𝐶  

between two platens in a ‘Brazil-nut test’ [106], [107], see Figure 10(a). A tensile stress in the 

transverse direction is induced when a spherical sample is subjected to a compressive 

diametral load [108]. The tensile strength at fracture 𝜎𝐹 is approximately related to the 

compressive load at failure 𝑃𝐶  and particle diameter 𝑑𝑃, according to [107], [109]: 

 

𝜎𝐹 = 2.8
𝑃𝐶

𝜋𝑑𝑃
2. 

 

(3) 
 

 

Bi-axial flexure tests on cylindrical specimens, as sketched in Figure 10(b), have been 

used to determine the tensile fracture strength of macroscopic cylindrical active material 

samples [110]. In these tests, a cylindrical disc-shaped sample is supported around its edge 

by a ring. The sample is then loaded centrally through a second, smaller ring. The resulting 

tensile stress reaches a maximum in the centre of the lower face. The fracture strength is 

deduced from the measured load at fracture 𝑃𝐹 and the sample geometry via an elastic 

calculation [111]. 

Measurements of the fracture strength of polycrystalline samples of 

LiNi1/3Mn1/3Co1/3O2 reported in the literature [106], [110] are plotted in Figure 10(c) against 

the measured grain size for each sample [112]. For data obtained from tests on sintered 

pellets, sample porosity is written next to the data as a percentage. Note that the tensile 

strengths are  an order of magnitude or more below the uniaxial yield strength 𝜎𝑌 ≈ 𝐻 3⁄  for 

all of the layered transition metal oxides reported in the literature and summarised in Figure 

7. 
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The tensile strength of brittle materials, such as cathode secondary particles and the 

associated polycrystalline pellets, are dictated by the propagation of pre-existing flaws within 

them. Define the fracture strength 𝜎𝐹 as the maximum tensile stress that a specimen of brittle 

material may withstand without the propagation of a pre-existing sharp flaw within it. One 

such flaw of length 2𝑎 oriented perpendicular to an applied tensile stress 𝜎 is sketched in 

Figure 11(a). The tensile fracture strength 𝜎𝐹 is related to the fracture toughness 𝐾𝐼𝐶  and flaw 

length 𝑎, according to 𝐾𝐼𝐶 = 𝜎𝐹√𝜋𝑎. Consequently, the fracture strength 𝜎𝐹 increases with 

decreasing flaw size. If all flaws within a specimen are sufficiently small, the uniaxial yield 

strength 𝜎𝑌 ≈ 𝐻/3 may be less than their fracture strength 𝜎𝐹. The result is ductile failure, as 

occurs in many metals.  

Polycrystalline cathode materials may contain flaws within an individual grain, or 

within a grain boundary, as sketched in Figure 11(b). In both cases, the length of such pre-

existing flaws is on the order of the grain size [113], [114]. Upon relating the characteristic 

flaw dimension 𝑎 to the grain size 𝑑 according to 𝑎 = 𝑑/2, and taking the fracture strength 

𝜎𝐹 = 𝐾𝐼𝐶 /√𝜋𝑎 , predictions for fracture strength are obtained over the range of grain sizes 

reported in the literature, and plotted as contours of constant 𝐾𝐼𝐶  in Figure 8(c). With the 

exception of samples with porosity exceeding 11%, the measured fracture strength of NMC 

sintered pellets increases with decreasing grain size, as expected from the above 

considerations. A comparison of the predictions with the experimental measurements implies 

a fracture toughness 𝐾𝐼𝐶  between 0.05 MPa m1/2 and 0.3 MPa m1/2 for polycrystalline samples 

of fully-lithiated, layered NMC333, see Figure 8(c). This low value of toughness for a 

polycrystalline ceramic is typically associated with intergranular fracture [110]. For 

comparison, the fracture toughness measured by indentation within large single grains of 
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LiCoO2 lies between 0.2 MPa m1/2 and 6.5 MPa m1/2, and varies with the orientation of the 

indentation relative to that of the layered atomic structure within the grain [65]. The fact that 

the intergranular toughness is much below the transgranular toughness explains the 

observation that intergranular fracture is observed upon cell charging [9].  

3. Effects of electrolyte immersion, state of charge and 

charge/discharge cycles upon mechanical properties 

The effects of electrolyte immersion and cell cycling upon the mechanical properties 

of cathode materials are directly relevant to cell design. In this section, data from the 

literature are assembled to assess the origin and degree of degradation of mechanical 

properties in cell operation. 

3.1. Effect of electrolyte immersion on mechanical properties 

The Young’s modulus, hardness and fracture strength of as-manufactured 

LiNi0.5Mn0.3Co0.2O2 polycrystalline pellets and secondary particles have been measured by 

indentation testing in the dry state and also during immersion in a liquid electrolyte, 1 M LiPF6 

in polypropylene carbonate [73]. The measured modulus and hardness in the dry state and in 

the immersed state are compared in Figure 12(a). Both modulus and hardness have a low 

sensitivity to immersion in an electrolyte. Additional measurements of the fracture strength 

of NMC333 secondary particles with single particle compression tests have been obtained 

before and after immersion in an electrolyte of 1 M LiPF6 in ethylene carbonate for 48 hours, 

rinsing in dimethyl carbonate and suspension in N-methyl-2-pyrrolidone at 80°C for 30 

minutes, and drying: the fracture strength is similarly unchanged by immersion [106]. It is 
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concluded that immersion of NMC cathode materials in liquid electrolytes gives only minimal 

degradation in their mechanical properties. 

3.2. Dependence of modulus and hardness upon the degree of lithiation 

The effect of delithiation upon the modulus, hardness and fracture of cathode 

materials is now addressed. But first, a word of caution. Sometimes in mechanical studies, 

high values of upper cut off voltage (UCV) are chosen in order to exaggerate the degree of 

cracking, which is not representative of behaviour at a lower value of UCV. For example, for 

NMC811, a UCV of 4.8 V may be used, whereas the maximum voltage in practical cycling is 

4.2 V to 4.3 V [115]. 

The Young’s modulus 𝐸 and hardness 𝐻 of layered cathode materials and spinel 

lithium manganese oxide are plotted in Figures 12(b) and (c) as a function of the degree of 

lithiation within the cathode 𝑥 during the first cell charge [68], [72], [97], [116]. At 𝑥 = 1 the 

cathode is fully lithiated; as the cell is charged 𝑥 decreases towards 𝑥 = 0, which corresponds 

to complete delithiation. The modulus 𝐸 and hardness 𝐻 of spinel LMO are almost insensitive 

to the occupancy 𝑥.  In contrast, the measured modulus and hardness of the layered cathode 

materials NMC532 and LCO both decrease with decreasing lithium occupancy, and this can 

be traced to the generation of intergranular cracks upon delithiation [9], [61].  Whilst data for 

the layered NMC532 cathode material obtained from measurements of secondary particles 

show a monotonic, progressive decrease in modulus and hardness with decreasing 𝑥, 

measurements of the thin film polycrystalline LCO cathode with grain size of approximately 

80 μm reveal an abrupt initial decrease from 𝑥 = 1. The indentation size is much below the 

grain dimension [97], and the dimensional change of the LCO lattice upon delithiation is 

initially minor [44], see Figure 4. Note that the delithiation of LCO initially leads to the 
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formation of a distinct second hexagonal phase [44] which coexists for 𝑥 in the range 0.75 <

𝑥 < 1.0. Consequently, the observed initial softening may be due to the formation of a new 

phase during initial discharge, rather than from microcracking due to changes in the lattice 

dimensions [97]. Write 𝐸0 and 𝐻0 as the values of modulus and hardness in the initial fully 

lithiated state. The plot of 𝐻 𝐻0⁄  versus 𝐸 𝐸0⁄  in Figure 12(d) reveals that the fractional 

degradations in modulus and hardness are similarly affected by the cell charge. 

3.3. Influence of charge/discharge cycles upon modulus, hardness and 

fracture strength 

It is emphasised that the experimental results discussed in this section are sensitive to 

the details of the electrochemical tests, such as the upper cut-off voltage, if a cathode is part 

of a full cell or half cell, and the composition of the electrolyte. Furthermore, the particle 

architecture is also important: for example, single crystal cathode particles can avoid cracking 

from differential straining between grains within a polycrystal. Results obtained from the 

study of polycrystalline layered cathode particles cannot be extrapolated to all cathode 

materials or particle architectures. 

Initially, consider the effect of the first delithiation followed by the first relithiation 

upon the fracture strength of polycrystalline cathode particles that comprise grains of layered 

NMC333. The measured fracture strength of NMC333 cathode particles is plotted against 

lithium occupancy 𝑥 in Figure 13(a) in the as-manufactured, lithiated state, after the first 

delithiation, and then after subsequent relithiation [106]. The measurements reveal that the 

drop in fracture strength due to delithiation is partially recovered upon subsequent 

relithiation. Nonetheless, the fracture strength remains much below that measured for the 
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pristine state. This is attributed to the growth of microcracks between the primary grains 

upon delithiation [9], [117].  

After a single cycle, secondary particles possess an average fracture strength only 44% 

of that measured for pristine particles [106], see Figure 13(a). Recall that the fracture strength 

𝜎𝐹 varies with flaw size 𝑎 and fracture toughness 𝐾𝐼𝐶  according to 𝜎𝐹 = 𝐾𝐼𝐶 √𝜋𝑎. If the 

fracture toughness of grain boundaries remains constant (and that the fracture strength of 

cathode particles remains constant, then the flaw size 𝑎 within the particles increases by a 

factor of about 5 over the first cycle. The conclusion that cracks within secondary particles 

advance upon delithiation is consistent with the measured increase in ionic transport upon 

charging, also attributed to the cracking which increases the particle surface area over which 

ionic transport occurs [117]. 

The degradation of Young’s modulus and hardness of cathode materials, as a function 

of the number of applied charge/discharge cycles, are assembled in Figure 13(b) and (c) from 

[70], [74]. The greatest changes in mechanical properties occur in the first cycle [106], [116], 

[117]; where data for the first cycle are absent, dotted lines are used to connect the data. For 

thin film spinel LMO cathodes, the decrease in hardness and Young’s modulus with cycling 

increases with increasing charging current (C-rate). The measured decrease in modulus upon 

repetitive cycling correlates with the accompanying decrease in hardness, see the plot of 

𝐻 𝐻0⁄  versus 𝐸 𝐸0⁄  in Figure 12(d). 

Now consider the micromechanical origin of the decrease in hardness and modulus 

upon repeated cycling. The hardness and modulus of a range of polycrystalline brittle 

materials have been measured as a function of their porosity [118]–[120], revealing that 

hardness, modulus and fracture strength all decrease with increasing porosity. High -
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resolution computed tomography studies [121] reported in the literature revealed that the 

porosity of a Li𝑥Ni0.8Mn0.1Co0.1O2 secondary particle increased from 0.14 to 0.19 over 5 cycles. 

The sensitivity of hardness and modulus to porosity 𝑓𝑃 are often successfully described by 

empirical relationships of the form 𝐻 = 𝐻0𝑒−𝛼𝑓𝑃  and 𝐸 = 𝐸0𝑒−𝛽𝑓𝑃 , where 𝐻0 and 𝐸0 are 

values of modulus and hardness evaluated for 𝑓𝑃 = 0, and values of the constants 𝛼 and 𝛽 

are sensitive to microstructural features such as the intergranular strength and the degree of 

mechanical interlocking between grains [118], [122]. The continued decrease in hardness and 

modulus with increasing cycle number, see Figure 12(b) and 12(c), suggests that the porosity 

of the secondary particles continues to increase with additional cycling. 

3.4. Strategies to limit mechanical degradation of cathode material 

Cathode particle fracture may arise from non-uniform swelling within each particle 

due to non-uniform lithium occupancy. This is promoted by a fast charge and gives rise to the 

so-called “electrochemical shock” [58]. Fracture can also arise from the anisotropic straining 

of neighbouring grains of differing lattice orientation, recall Figure 5. A number of approaches 

have been developed to avoid and reduce the mechanical degradation of cathode particles 

during electrochemical cycling [123]–[126]; a brief discussion of some of these methods is 

now provided. 

(i) Reduce the level of swelling strain over a charge/discharge cycle. In addition to 

restricting the voltage range in in operation to regions where only modest strains 

occur [127], the swelling strain within the cathode material atomic lattice can also be 

reduced by control of cathode composition [37] and by suitable doping [128], [129]. 

(ii) Vary cathode composition within a secondary particle, either as a ‘core-shell’ particle 

architecture with distinct surface layer, or with a smooth variation in composition 
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from the particle core to exterior [130]. This strategy can decrease the tensile stress 

experienced at a cathode particle surface during delithiation, thus avoiding 

microcracking upon cell charge [131]–[133]. 

(iii) Decrease primary particle size in polycrystalline secondary particles to limit the size of 

flaws. Experiments have shown that this approach can lead to greater resistance to 

microcracking [134], [135]. 

(iv) Eliminate the elastic constraint between cathode particle grains. If stresses in cycling 

arise from differential straining between neighbouring primary particles, an alignment 

of lattice orientation from grain to grain decreases the level of induced tensile stress 

during cycling, and thereby reduces the possibility of intergranular fracture [136].  

(v) Use of a single-crystal particle architecture to remove the mismatched stresses that 

form in polycrystals due to differential straining of anisotropic grains [137]–[139]. By 

definition, single crystals do not contain grain boundaries. 

(vi) Decrease the length scale for Li ion diffusion, for example by decreasing the size of 

secondary particles [58]. 

 

4. Conclusions 

Indentation measurements of NMC cathode materials reveal a sensitivity of modulus 

and hardness to the ratio of indentation size to grain size.  The degradation of both properties 

with increasing indent size is explained in terms of an increasing degree of intergranular 

cracking. The tensile fracture strength of pristine cathode particles is more than an order of 

magnitude below their indentation hardness; their low tensile strength is ascribed to the 

presence of pre-existing intergranular cracks. Reported measurements of the tensile fracture 
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strength 𝜎𝐹 of NMC polycrystalline cathode particles and larger NMC polycrystalline pellets 

scale with their grain size 𝑑, according to 𝜎𝐹 ∝ 𝑑−1/2; this behaviour is typical of that for 

polycrystalline engineering ceramics: tensile failure initiates from flaws of characteristic 

dimension comparable to the grain size. 

The lithiation and delithiation of layered, olivine and spinel cathode material alters the 

dimensions of their atomic lattices. In the case of spinels, this dimensional change is isotropic, 

whereas the change in unit cell dimension of layered cathode materials strain is highly 

anisotropic. This provides an explanation for why secondary particles of layered cathode 

materials suffer substantial grain boundary fragmentation upon their first charge. 

Intergranular cracking leads to a decrease in the modulus, hardness and fracture strength of 

the secondary particles, which continues to progress upon repetitive cycling. The fractional 

decrease in the cathode hardness and modulus due to cell charging and cycling correlate, 

revealing that microcracking degrades both properties in a similar manner.  

The extent of microcracking can be controlled via a variety of different particle-based 

strategie, the relevance of which depends upon if fracture arises from non-uniform lithiation 

due to fast charging, or anisotropic swelling of primary grains. These strategies include 

limiting active material strains though control of the voltage or composition, decreasing the 

size of primary or secondary particles, and enhancing their ionic conductivity. If microcracking 

occurs due to anisotropic straining between adjacent primary grains, then microcracking is 

reduced by aligning neighbouring grains within a secondary particle or by use of single crystal 

cathode particles. 
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Figure 1: The structure of a Li-ion cell, illustrating the typical porous cathode microstructure of active 

particles bonded together with a conductive binder. 
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Figure 2: Typical atomic structures of (a) olivine, (b) layered and (c) spinel cathode materials. 

Sketches of different cathode particle architectures: (d) secondary particle, (e) separate single 

crystals [140], (f) plate-shaped particles [20], and (g) nano-sized particles [21]. 
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Figure 3: Plots of the specific power versus specific energy for (a) different cathode materials as 

reported in the literature [11], [19]–[29], (b) of LFP cathodes with a variety of different cathode 

particle architectures [11], [20]–[22], [27]–[29]. (c) The specific power of LFP cathodes versus 

particle dimension, for specific energy below 350 Wh kg-1. 
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Figure 4: Normalised lattice constants (a) 𝑎 𝑎0⁄ = 𝑏 𝑏0⁄  and (b) 𝑐 𝑐0⁄  plotted against degree of 

lithiation 𝑥 in Li𝑥MOb as measured for a variety of layered and spinel cathode materials over the first 

cell charge [36]–[42] (c) Plot of 𝑐 𝑐0⁄  versus 𝑎𝑏 (𝑎0𝑏0)⁄ .  
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Figure 5: Sketch of the intergranular fracture that results from the anisotropic straining of layered 

cathode materials when in polycrystalline secondary particles. The arrows in each grain denote the 

direction of the 𝑐-axis. 
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Figure 6: (a) Sketch of the indentation method used to measure hardness and modulus. (b) Sketch of 

a typical force-displacement response measured in indentation; the gradient used to deduce the 

Young’s modulus from the elastic unloading response is identified. Sketch of the indentation of (c) 

secondary particle set in resin, and (d) a polycrystalline pellet of macroscopic dimensions. Note the 

differences in the ratio of indent size 𝐴𝑃
1/2

 to grain size 𝑑. 
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Figure 7: The modulus and hardness of a variety of cathode materials as measured after 

manufacture in the fully-lithiated state with Berkovich indentation [65]–[76] and compared against 

the modulus and hardness of other engineering ceramics and glasses [82], [83]. 
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Figure 8: The idealised stages I, II and III of micromechanical deformation upon the indentation of a 

polycrystalline ceramic that give rise to decreasing hardness with increasing indentation area for 

indentations of dimension comparable to the grain size. 
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Figure 9: Young’s modulus (a) and indentation hardness (b) plotted as a function of indentation size 

𝐴𝐼
1 2⁄

 for a range of polycrystalline LiNi0.5Mn0.3Co0.2O2 and LiNi1/3Mn1/3Co1/3O2 cathode materials [65], [73]–

[76], [97]. The modulus and hardness are plotted in figures (c) and (d), with the indentation size 

𝐴1/2 normalised by the grain size 𝑑. Data from secondary particles are indicated with filled symbols  

( , ); data from sintered pellets are plotted with hollow symbols ( , ,  ,  ,    ). 
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Figure 10: Methods of measuring the fracture strength of cathode materials: (a) the compression of 

secondary particles which leads to transverse tensile stress, (b) flexural bend tests on macroscopic 

cylindrical samples. (c) Plot of fracture strength 𝜎𝐹 versus 𝑑−1/2  for NMC333 samples [106], [110]. 

Predictions of the fracture strength are included as contours for various values of fracture 

toughness, 𝐾𝐼𝐶; the measured percentage of sample porosity are written alongside the data where 

available. 
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Figure 11: (a) Geometry of a flaw within a brittle material subjected to macroscopic stress, (b) typical 

flaws within a polycrystalline material of similar size to individual grains. 
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Figure 12: (a) the effect of electrolyte immersion upon the modulus 𝐸 and hardness 𝐻 of sintered 

pellets and secondary particles of NMC532. The (b) Young’s modulus 𝐸 and (c) indentation hardness 
𝐻 of cathode materials as a function of their degree of lithiation 𝑥 over the first cell charge [68], 
[72], [97], [116]. The hardness 𝐻 and modulus 𝐸 of layered cathode materials are normalised by 

their values in a fully lithiated state, 𝐻0  and 𝐸0 , and plotted against one another in (d). 
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Figure 13: The effect of cycling upon mechanical properties [70], [74], [106]. (a) Effect of the first 

delithiation/relithiation cycle upon fracture strength 𝜎𝐹 for layered Li𝑥Ni1/3Mn1/3Co1/3O2. (b) Young’s 
modulus 𝐸, and (c) hardness 𝐻 of cathode materials as a function of the number of applied 

charge/discharge cycles, as measured in the lithiated state. Dotted lines are used where data span 

the first charge/discharge cycle, where the decrease in 𝐸 and 𝐻 is typically greatest. The hardness 𝐻 
and modulus 𝐸 of layered cathode materials measured after successive charge/discharge cycles are 

normalised by their values before cycling, 𝐻0  and 𝐸0 , and plotted against one another in (d). 
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